An abnormal meta-stable nanoscale eutectic reaction revealed by in-situ observations
Introduction
Controlling phase and morphological selection from undercooled liquids remains one of the largest challenges in materials science. In highly undercooled liquids/glass, the atomic mobility can vary greatly compared to near liquidus temperatures. This provides a large driving force for metastable crystalline phase formation [1, 2] . Not only can new, unpredicted phases emerge, but the lower mobility may also result in unusual microstructures. In many cases, metastable phases, which form more complex crystal structure, have larger unit cells or are even aperiodic, compared to their equilibrium phases [3] [4] [5] [6] [7] [8] . When cooling rate is sufficient to form a glass, subsequent annealing and devitrification can produce finely controlled nanostructures for magnetic alloys [9, 10] , caloric materials [11] [12] [13] [14] , nanowires [15] , and even structural alloys [16, 17] . However, understanding and predicting the thermodynamic and kinetic pathways for phase selection far from equilibrium is a daunting challenge, since most thermodynamic models assume phase changes occur near thermodynamic equilibrium [18] . Thus, experimental measurement of mechanisms and dynamics of metastable phase transition are essential to help build reliable models to overcome this challenge.
Depending on the diffusion distance involved during the crystallization process, the first order amorphous to crystalline equilibrium * Corresponding author.
Email address: linzhou@ameslab.gov (L. Zhou) solid state phase transitions are typically polymorphic or eutectic [19, 20] . In some cases, the stable phases can form at temperatures far below their thermodynamic equilibrium temperature due to lower kinetic barriers [21] . The controlling mechanism(s) of diffusion at the few nanometer scale becomes extremely relevant under these conditions. For instance, in multicomponent systems [22] , solute rejection during eutectic growth from the liquid can impede the growth front sufficiently to result in glass formation during solidification. In addition to more simple eutectic growth, highly undercooled liquids can also form highly complex quasicrystals directly from the melt [23] . Rules governing such dynamic phase selection process are lacking, especially in the regime where the mobility is low and the chemical driving forces are high. To understand such disparate results, we studied the devitrification of a model binary alloy, Al-Sm, which forms a metallic glass under high cooling conditions in the regions near its eutectic (Al 90 Sm 10 ) yet also forms numerous metastable phases. We show that while the phase and morphological selection in a model binary glass forming alloy can be quite complex, the phase selection process can be predicted if the appropriate metastable states and their thermodynamic properties can be determined.
Studying materials transition in-situ is one of the best approaches to unravel the mechanisms and dynamics of metastable phase selection. While interesting growth mechanisms have been revealed in nano particles [24] [25] [26] [27] [28] [29] , understanding of bulk materials' transformation processes may be affected by artifacts during TEM sample preparation as well as the thin film limit where bulk behavior is no longer manifest since samples need to be thinned to make them elec
tron transparent. Moreover, underlying physical mechanisms on phase transformation in bulk and nano structure can only be quantitative, if precise, uniform temperature control of the sample is achieved during the experiment. Here, we performed a number of in-situ experiments on an amorphous alloy formed by melt spinning. These in-situ experiments include: high energy X-ray diffraction (HEXRD), which provides a quantitative assessment of the bulk response of the sample, and TEM to reveal the finer spatial scales. Other factors, such as formation of interfacial strains at grain boundaries that can create strong diffraction contrast in conventional TEM imaging condition and degrade resolution, is minimized by using high-angle-annular-dark-field (HAADF) scanning transmission electron microscopy (STEM) imaging (Z-contrast imaging). Since contrast in HAADF STEM images is primarily due to the chemical difference between phases. HAADF-STEM typically has slower frame rates than TEM mode but the data interpretation will be more straightforward for multiple non-allotropic phases or where there is substantial density difference between phase transitions. We discovered that what appears to be a straightforward polymorphic phase transition as revealed by HEXRD is in fact a complex abnormal eutectic devitrification process. The nanoscale scale processes are revealed by using a combination of HAADF STEM, conventional TEM and energy-dispersive-X-ray-spectroscopy (EDS) techniques with a probe aberration-corrected transmission electron microscope. While the subtleties of the phase formation are below the resolution of the HEXRD, the atomic scale processes are consistent with the in-situ bulk experiments and the revealed mechanism are well explained by the calculated chemical free energies of the competing phases and their atomic diffusion distances.
Experimental procedure
The initial ingot of Al 90 Sm 10 (at% nominal) was prepared by repeated arc melting of pure Al (99.99 wt%) and Sm (99.9 wt%). Amorphous ribbon was fabricated using single-roller melt spinning process with a tangential wheel speed of 30 m/s. Phase transformation temperature was examined using differential scanning calorimetry (Perkin Elmer Pyris 1) at a constant heating rate of 10°C/min.
Time-resolved synchrotron X-ray scattering, using monochromatic (71.77 keV/0.01729 nm) X-rays, was performed at the sector 1-ID-E Advanced Photon Source (APS) at Argonne National Laboratory. Specimens for the X-ray experiments were fabricated from the melt-spun ribbon by cutting to lengths of ∼10 mm and stacking many sections to a thickness of ∼0.5 mm. The stack was inserted into a 2 mm (ID) thin-walled SiO 2 capillary tube and sealed in argon. The capillary tubes were placed in a tubular stainless steel holder with an X-ray pass through window and positioned between two infrared (IR) heater lamp, equipped with independent control and measurement thermocouple in contact with capillary tube. For in-situ HEXRD we acquire a Rietveld refineable diffraction pattern every ∼2 s with each scan, sampling over ∼0.005 mm 3 of sample. TEM sample was prepared by focus ion beam lift-out using an FEI HELIOS focus ion beam (FIB). The chip was then loaded into an FEI NanoExTM-i/v in-situ TEM holder. TEM characterization was performed on a probe aberration corrected Titan Themis TEM equipped with a Super-X EDS detector. The sample was lifted-out from a relative uniform region (away from gas pocket) in the wheel side of a melt-spun ribbon. It was then thinned into electron transparency at the easy-lift needle and transferred to the heating chip.
The Gibbs free energies of the fcc-Al, amorphous, ε-phase and undercooled liquid (pink) phases were calculated using the recently assessed CALPHAD description for the Al-Sm system.
Results and discussion

In-situ high energy X-ray scattering
In-situ time-resolved HEXRD experiments performed isothermally at 180°C reveal that devitrification in Al 90 Sm 10 ribbon appears as a polymorphic (i.e., partitionless) transformation, as shown in Fig.  1a . Clear diffraction peaks start to appear from the diffuse scattering of the glass after ∼400 s, with the full crystallization sequence occurring over ∼1000 s. The Reitveld refinement of diffraction pattern after annealing at 180°C for 2447 s (superimposed in Fig. 1a ) is fully indexed as the Im-3m ε-phase with a nominal composition of Al 64 Sm 8 and a lattice parameter of 1.381(6) nm [30] . No clear diffraction peak is present at positions for fcc-Al phase (Q = 26.7 and 39.9 nm-1). Molecular dynamic simulation attributes the formation of this large complex metastable phase to the structural similarity between the short-range order of the amorphous phase and crystalline ε-phase, as well as the tolerance of anti-site defects of the ε-phase [31] . The variability in the ε-phase composition arises from site substitution of Al for Sm on the 16f site (best fit is for ∼ half the 16f sites occupied by Al), but the Rietveld fitting to the ε-phase alone doesn't account for all the Al in the initial amorphous alloy. A slightly better fit to the whole pattern, wRp of 8.2% vs 8.8%, is achieved if fcc-Al (∼4 wt %) is included in the fitting.
ex situ TEM
To investigate this discrepancy, the microstructure of as-spun and devitrified ribbon was characterized by TEM. The amorphous nature of the as-spun ribbon is confirmed by both high resolution TEM and corresponding selected-area-electron-diffraction (SAED), which is illustrated by diffusive halos in Fig. 1b. HAADF STEM imaging (Fig.  1c) shows uniform contrast, which indicates there is no obvious chemical segregation in the amorphous material before heating. After devitrification we observed the formation of ∼500 nm grains of the ε-phase and a high density of "chain-like" precipitates with a diameter ∼5 nm commingled within the ε-phase (Fig. 1d) . The corresponding SAED pattern (inset to Fig. 1d) shows coexistence of discrete spots (indexed to the ε-phase), diffuse rings and diffuse arcs. The diffuse rings are most likely from residual glassy phase but the sharper diffuse arcs are consistent with {111} planes in fcc-Al. Higher resolution STEM imaging ( Fig. 1e ) and EDS analysis (Fig. S4 .) confirmed those precipitates are Al-rich. The small size and volume of the fcc Al relative to the ε-phase explains why the fcc-Al was not readily apparent in the HEXRD pattern. However, the STEM data raises the questions: What gave rise to such an unusual precipitate? Did this intricate fine network of fcc-Al form before, during or after the devitrification?
Nucleation and growth of the ε-phase
Due to the sensitivity of glasses to annealing temperatures near their glass transition, in-situ experiments need to be carried out with precise and uniform temperature control. New microelectromechanical systems (MEMS) based heater produces localized resistive heating only around a small sample area ∼50 μm across. This design has a much lower thermal mass and higher thermal stability than the older cup holder design. The closed loop operating mode of the heater allows high stability control of the temperature in the sample area comparable to differential scanning calorimeter (DSC) enabling isothermal heating measurements, identical to that performed by DSC and the HEXRD. In addition to controlled heating rates, targeted temperatures can be reached within 1s (as shown in Supplementary Material  Fig. S1 ). Such instantaneous heating and cooling makes it possible to do short time annealing followed by fast quenching to perform more detailed analysis at room temperature then resume the annealing at the same location or investigate a new area.
The sample was initially heated to 170°C with a heating ramp of 0.5°C/s and held at that temperature for ∼30 min. No structural change was detected, and thus, the sample was further heated to 175°C, where we were able to monitor the nucleation of a number of grains ( Fig. 2 and supplementary movie S1 ). The ε-phase initially has uniform contrast (Fig. 2a) , but as it grow to ∼25 nm, some darker contrast regions are observed inside the grain (Fig. 2b) . Similar heating experiments were performed on four different TEM samples with a holding temperature ranging from 175°C to 185°C. All samples showed nucleation of ε-phase in the thicker cross-section ( Supplementary Fig. S2 ), suggesting that the surface of TEM sample did not provide preferential heterogeneous nucleation sites. We suspect this is partly due to the modification of surface chemistry and strain by FIB sample preparation. Very similar onset of devitri fication at ∼175°C for in-situ HEXRD and TEM also supports 'bulk like' behavior of the TEM samples.
To better follow the growth path of the darker contrast features during devitrification, a multi-stepped heating and quenching experiment were conducted. The devitrification process was monitored over a variety of magnifications using a combination of TEM and STEM imaging mode, as well as EDS mapping. The sample was first heated to 175°C in <1 s and held until a nucleus was observed in TEM mode within the field of view, which typically takes ∼ 1min. As soon as a nucleus was detected (we define this time as t i ), the sample was quenched down to room temperature (<1 s) for detailed structural analysis in STEM mode. Subsequent heat/quench cycles were carried out with more detailed STEM imaging after each quench to better capture the ε/glass interfacial evolution (Fig. 3) . The sequential images were taken after ∼9s of heating at the targeted 175°C. The electron beam was always blanked during the experiment except when the STEM images were taken.
The growth of the ε-phase is more complex than previously reported [4, 5] . Indexing of Fast Fourier Transform (FFT) patterns of corresponding STEM image in Fig. 3a-d shows that the ε grain is oriented close to the [113] zone axis. The inverse FFT after filtering out the amorphous phase clearly revealed a truncated octahedron with both {100} and {110} facets (Supplementary Material Fig. S3 ). This shape reflects the growth rate differences between <110> and <100> directions with the latter growing faster. As the crystal grows, the {100} facets become clear (Fig. 3i) . The ε crystal is also surrounded by a boundary with darker contrast in the HAADF image, indicative of an Al-rich region. It appears that the ε-phase cannot fully accommodate the Al content of the glass. As the ε-phase grows, more Al is concentrated at the glass/crystalline boundary. Finally, the concentration is sufficient to form lenticular nanocrystallites of fcc-Al (confirmed by their lattice fringes and EDS elemental mapping, as shown in Fig. 5b and Supplementary Fig. S4 ). Some examples of the Al nanocrystallites are indicated by white arrows in Fig. 3 . Subsequent ε-phase growth can only proceed from regions where there are no Al nanocrystallites (indicated by red arrows in Fig. 3) . The complexity of the growth process is revealed at higher magnification in Fig.  4 . The growth front is quite irregular, with faster growing regions bulging out, only to form reentrants (arrowed in Fig. 4a-f) , which then reconnect and encapsulating fcc-Al nanocrystals (Fig. 4g) . The Al nanocrystallites grow much slower than ε-phase, likely through diffusion of Al from the nearby boundary (denoted by white arrows in Fig.  3) . We have to zoom in on the glass/crystalline interface to unravel the dynamics of the phase formation, diffusion of Al and formation of the fcc-Al. At a higher magnification of the quenched sample, the sharp Al-rich ε/glass interface (dark shell) is clearly visible with a thickness ∼1.5-2.5 nm (Fig. 5a ). The lack of fringes consistent with fcc-Al suggest that the Al-rich boundary is still amorphous at this point. Once the crystallization front passes, clear evidence for fcc-Al is observed (Fig. 5b) . The bulge seen in Fig. 5a and the crescent-shaped fcc-Al seen in Fig. 3 suggests that as the ε-phase grows, excess Al is concentrated at the glass/ε-phase interface. The Al enrichment at the interface appears to reduce the mobility of the interface (Fig. 5a upper left hand side). As the growth front propagates, the interface becomes more and more Al rich, putting an increased diffusion burden on the interface. This burden can be reduced if Al diffuses along the glass/ε-phase interface, concentrating Al inhomogenously along the boundary. A video demonstrating this process is shown in supplementary Movie S2. When two adjacent bulges in the ε-phase merge they encapsulate the previous nucleated Al nanocrystallite, as shown by time sequential TEM images in Fig. 4 and supplementary Movie S3. The video also shows clear moiré fringes forming after the growth front has passed indicating concentration of Al enriched regions prior to crystallization of the fcc-Al. Once encapsulated, the Al nanocrystallites appear quite stable (Figs. 3 and 4) . The sequence of merging bulges in the growth front in order to accommodate the excess Al in the glass gives rise to "cauliflower" appearance of the ε crystal with a network of "chain-like" nanometer size fcc-Al precipitates.
Crystallographic relationship between ε and fcc-Al
The fairly regular shape of the fcc-Al clusters suggests that there may be a low energy interface between the two competing phases. To determine the crystal structure and crystallographic relationship of the ε phase and fcc-Al, high-resolution ex-situ STEM (HRSTEM) (Fig. 6, top row) , high-resolution TEM (HRTEM) imaging (Fig. 5b) (Fig. 6, bottom row) were analyzed. The SAEDs regions were large enough to include an average phase fraction of the intracrystalline fcc-Al. The bright spots in the STEM images correspond to atomic columns with Sm elements, as confirmed by inset atomic EDS elemental mapping shown in Fig. 6a . The contrast variation in those spots is caused by Sm occupancy difference in the two atomic sites along the electron beam direction. Arcs appearing close to the {110} and {100} diffraction spots, as indicated by white arrows in Fig. 6a and b, are from the slightly misoriented fcc-Al indicative of a near coincident lattice. In particular, the [011] diffraction pattern (Fig. 6c) shows a very close match of the d-spacing of the {4,3,3} ε and the {1,1,1} fcc-Al . The arc of the {111} fcc-Al (as indicated by white arrow in Fib. 6c) from the {4,3,3} toward the {2,4,4} and the symmetrical arc of the fcc-Al {002} (as indicated by yellow arrow in Fib. 6c, bottom) about the {006} defines the relationship between the ε and fcc-Al follows a simple relationship where their {h00}faces, and <00k> directions align within ∼7° (Fig. 6c) .
To accurately measure the interface dynamics, interface propagation was measured at 175°C, 180°C and 185°C in TEM mode. Average growth rate of the ε-phase interface was determined by measuring the distance an interface is propagated in over 8 s (10 frames). The growth front was nominally the {h00} planes and the measured rates were 0.94 ± 0.09 nm/s, 1.75 ± 0.14 nm/s and 4.53 ± 0.18 nm/s for 175°C, 180°C and 185°C, respectively and follows an Arrhenius relationship. The calculated activation energy is 268 ± 0.6 kJ/mol for this devitrification reaction, as shown in Fig. S5 . As shown earlier, these values are an average and the excess Al clearly impedes the growth front locally.
Discussion
The combined in-situ HEXRD and TEM results indicate that the metastable devitrification in this AlSm glass includes a two step transformation, whose transition sequence is consistent with the thermodynamic calculations for the Al-Sm system [32] [33] [34] . Fig. 7 shows Gibbs free energy of the fcc-Al, amorphous, and ε-phase. Note that the Gibbs free energy of the ε-phase is lower than that of the amorphous phase at x Sm = 0.1, indicating the initial transformation: Amorphous (x = 0.1) → ε-phase (x Sm = 0.1) + amorphous (Al-rich) is energetically favored. With continued growth of the ε-phase, we observed local regions of darker contrast at interface in the HAADF images corresponding to enrichment in Al as shown in Figs. 2-4 . In addition, the Gibbs free energy of amorphous phase is above the black cotangent dotted-line between fcc-Al and amorphous phases in Fig. 7 , indicating that the amorphous → amorphous + fcc-Al reaction is energetically favorable at the amorphous/ε-phase interface. Once fcc-Al nucleates at/or near interface, it will consume the excess Al, which in turn will promote diffusion of excess Al to the interface. The for mation Al clusters at the interface will also locally block the propagation of ε-phase [35] [36] [37] [38] [39] [40] [41] . Growth of ε-phase can only proceed from regions without excess Al until the next nucleation and growth event of Al nanocrystal happens.
The unique morphology is a product of the solubility of Al for Sm in the ε-phase, the near coincident lattice between the ε-phase and fcc-Al (Fig. 5b) and the limited diffusion at these low temperatures.
The lack of intragranular precipitates when the crystal is less than about 25 nm suggests that the initial nuclei can grow a small distance with excess Al builds up. This is because the initial ε-phase grows with a deficiency in Sm but is not sustainable. Once the excess Al build up, the activation for self-diffusion of Al on a surface is about four times lower than the activation for growth of the ε-phase [42] . This would favor Al concentration to local regions on the surface, causing local drag and the bulging observed during growth. When the Al concentration is high enough to begin nucleating fcc-Al is not clear, but the HAADF images suggest that these regions could be as small as a few nm perpendiculars to the growth front and up to about 10 nm along the growth front. The video (Movie S2) shows moiré fringes forming after the growth front has passed so the Al may form locally enrich regions which are initially disordered as the growth front envelops them prior to crystallizing. The near coincident lattice and the preferred h00> growth for the ε-phase is most likely responsible for the crenulated growth habit as the rapidly moving growth front tries to accommodate the excess Al at the interface between amorphous and ε-phases.
Conclusions
Metastable abnormal eutectic devitrification process in an Al 90 Sm 10 metallic glass is revealed by real time monitoring the nucleation and growth process using a combination of HEXRD, TEM, STEM and EDS techniques. The growth of crystalline ε-phase from amorphous matrix with similar composition is accompanied by intermittent formation of nanometer size fcc-Al clusters at the ε/glass interface. These nano-Al clusters modify ε/glass interface movement and promote creation of a "cauliflower" microstructure. The observed sequence of metastable phase formation is consistent with their Gibbs free energy. The techniques used in this study provide an irreplaceable way to study mechanisms of metastable phase transition down to atomic resolution in bulk materials. The obtained structural and dynamic information offers valuable insight into atomic scale processes of a highly driven phase boundary and the type of dynamic instabilities, which can arise. The newly discovered mechanism can also be used to fabricate alloy structures with uniformly distributed nanoprecipitates.
